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Abstract

We investigate the plastic flow properties at low and high temperature of the tempered martensitic steel Eurofer97. We
show that below room temperature, where the Peierls friction on the screw dislocation is active, it is necessary to modify
the usual Taylor’s equation between the flow stress and the square root of the dislocation density and to include explicitly
the Peierls friction stress in the equation. Then, we compare the fracture properties of the Eurofer97 with those of the
F82H steel. A clear difference of the fracture toughness–temperature behavior was found in the low transition region.
The results indicate a sharper transition for Eurofer97 than for the F82H. Finally, the shift of the median toughness–tem-
perature curve of the F82H steel was determined after two neutron irradiations performed in the High Flux Reactor in
Petten.
� 2007 Elsevier B.V. All rights reserved.
1. Introduction

Advanced tempered martensitic steels are leading
candidate materials for fusion rector structural
components due to their resistance to void swelling
and good balance of physical and mechanical pro-
perties. Since the materials surrounding the burning
plasma in a future fusion reactor will be highly irra-
diated by energetic neutrons and other types of radi-
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ation, a degradation of their overall mechanical
properties induced by the radiation environment
will occur. The degradation of the fracture tough-
ness properties is reflected in an upward shift of
the transition temperature between the brittle and
ductile modes of fracture (embrittlement) as well
as in a decrease of the fracture toughness in the duc-
tile mode. One very efficient way to characterize the
embrittlement is to make use of the master curve–
temperature (MC) shifts method [1,2]. Basically,
the MC method assumes an invariant median
toughness–temperature curve that can be indexed
on an absolute temperature by T0 at a reference
.
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toughness of 100 MPa m1/2. The ASTM E1921-03
standard describes the procedure to determine T0

with a relatively small number of specimens. Since
very small specimens are foreseen for future fusion
irradiation facilities, efforts are being made to
develop physically-based models to assess size
effects on fracture toughness. These models are
based upon a local approach of quasi-cleavage
where a critical state of stress/strain fields at the
crack tip has to be reached to trigger cleavage [3].
These fields are calculated by finite element simula-
tions for which the constitutive behavior of the
material has to be well characterized.

In this paper, we study the post-yield behavior of
the tempered martensitic steel Eurofer97 steel over a
large temperature range. We compare the fracture
properties in the lower transition region of the
Eurofer97 with those of the F82H steel and we
determine the shift of the master curve after two
neutron irradiations of the F82H steel.

2. Experimental

2.1. Materials

The first alloy in this study is the reduced activa-
tion Eurofer97 steel, heat E83697, 25 mm thick,
produced by Böhler AG. This steel contains
8.90 wt% Cr, 0.12 wt% C, 0.46 wt% Mn, 1.07 wt%
W, 0.2 wt% V, 0.15 wt% Ta, and Fe for the balance.
The steel was heat-treated by normalizing at 1253 K
for 0.5 h and tempering at 1033 K for 1.5 h. The sec-
ond investigated alloy is the F82H steel, produced
by NKK Corporation under the sponsorship of
JAERI [4]. The composition is: 7.65 wt% Cr,
2.0 wt% W, 0.1 wt% C, 0.18 wt%V, 0.04 wt% Ta,
and Fe for the balance. The heat treatment was
0.5 h at 1313 K for normalization and 2 h at
1013 K for tempering. These steels were fully mar-
tensitic after quenching.

2.2. Mechanical testing

Tensile tests were carried out with a Schenck
RMC100 electro-mechanical testing machine. Stan-
dard DIN round specimens were used with 3 mm
diameter and 18 mm gauge length. The tests were
performed at several temperatures from 77 K up
to 723 K. A temperature chamber was mounted
around the load train. Temperature control was
provided by a PID controller along with a regulated
N2 gas flow. The tests were performed at two
slightly different nominal strain-rates of 9.3 ·
10�5 s�1 and 5 · 10�4 s�1. The stresses and strains
reported hereafter are the true stress and true strain.
The experimental data were machine-compliance
corrected except at room temperature where a
clip-gage was used.

In order to investigate the strain-hardening
behavior, the flow stress was decomposed into two
components, namely, the yield stress r0.2, defined
at 0.002 plastic strain, and the so-called plastic stress
rd�d defined as rd–d = r � r0.2. The subscript ‘d–d’
indicates that this component mainly stems from
dislocation–dislocation interactions. In the follow-
ing plots of rd–d versus ep, the origin of the plastic
strain axis was chosen at the yield stress so that ep

is defined as

ep ¼ e� rðeÞ
EðT Þ � 0:002; ð1Þ

where r(e) is the true flow stress, e is the total true
strain and E(T) is Young’s modulus, which slightly
depends on temperature. The temperature depen-
dence of E was similar to that of the F82H steel
and calculated from [5]. Finally, the strain-harden-
ing hp is defined as

hp ¼
drd–d

dep

: ð2Þ

The static fracture tests were performed on fatigue
pre-cracked compact tension specimens, C(T), with
crack length a to specimen width W ratios of
a/W � 0.5 and a specimen thickness (B) to width
ratio of B/W = 0.5. Two specimen sizes were used
having a thickness of either B = 9 mm or 4.5 mm,
which are here referred as to 0.35T C(T) or 0.18T
C(T), respectively. The fracture toughness of the
Eurofer97 steel was characterized with 0.35T C(T)
specimens while that of the F82H steel was studied
with both 0.18T C(T) and 0.35T C(T) specimens.
Test procedures were based on ASTM practices to
determine the elastic toughness KIc (ASTM E399)
or the critical J-integral Jc at the onset of cleavage
(ASTM E1921), from which an equivalent tough-
ness KJc can be calculated as

KJc ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

J cE
ð1� t2Þ

s
¼

ffiffiffiffiffiffiffiffiffi
J cE0

p
; ð3Þ

where Jc is the elastic–plastic cleavage initiation
toughness and E 0 is the plane strain Young’s
modulus.
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2.3. Irradiations

The effects of neutron irradiation on fracture
toughness in the low transition region of the F82H
steel have been investigated using 0.18T C(T) and
0.35T C(T) specimens fatigue pre-cracked up to
a/W � 0.5. Two different irradiations were per-
formed in the High Flux Reactor in Petten. The
conditions of the first one, SIWAS-09, were about
2.2 ± 0.3 dpa and the specimens were in contact
with the reactor water coolant at a temperature of
about 333 K. The second irradiation, SUMO-07,
was carried out up to a similar dose of about
2.1 ± 0.1 dpa and the specimens were at a higher
temperature of 573 K. The SUMO capsule was
sodium-filled.

3. Plastic flow modeling of the Eurofer97

3.1. Tensile behavior

The Eurofer97 tensile properties over the temper-
ature range 77 K up to 723 K are presented in this
section. First, the yield stress, r0.2 defined at 0.2%
of plastic strain, is plotted against the absolute tem-
perature in Fig. 1. A strong increase of r0.2 with
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Fig. 1. Temperature dependence of the
decreasing temperature is observed below about
200 K while the temperature dependence becomes
much weaker above this temperature. Such a depen-
dence is characteristic of the bcc metals and alloys
and is related to the strong thermally activated lat-
tice friction of Peierls type on the screw dislocation
segments controlling the plastic flow at low temper-
atures [6,7]. In Fig. 2, the tensile curves obtained at
the nominal strain-rates of 9.3 · 10�5 s�1 are pre-
sented. It can be seen that all the curves have a par-
abolic shape. However, we point out that at 77 K an
initial stage of plastic deformation at almost con-
stant stress is observed. Note that the curves are
plotted up to the true uniform strain, eu, at which
necking starts. The true uniform strain, eu, is related
to the uniform engineering strain, eu, through the
relation eu = ln(1 + eu). Beyond eu, the deformation
becomes localized leading to the formation of the
neck. The condition at which necking begins is
defined by the Considère’s criterion, h = r, where
h is the strain-hardening rate, defined as dr/de,
and r is the true stress. This criterion is actually
valid for strain-rate insensitive material. In Fig. 2,
it is observed that, over the temperature range inves-
tigated, the maximum true uniform strain occurs
at about 143 K. If the strain-hardening were
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Fig. 2. Eurofer97 tensile curves at different temperatures at the nominal strain-rate of 9.3 · 10�5 s�1. The schematic decomposition of the
flow stress is also indicated.
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completely athermal, or in other words, if the shape
of the tensile curves were temperature independent,
the true uniform strain should decrease with tem-
perature since any increase of the flow stress with
decreasing temperature would lead to the necking
condition (r = h) at lower strain. However, from
473 K down to 143 K, the inverse behavior is actu-
ally observed; an increase of the true uniform strain
by decreasing temperature. This clearly indicates
that, even if the shapes of the tensile curves at differ-
ent temperatures are similar to one another, there
are some subtle differences in the strain-hardening
behavior that have to be identified by analyzing
the post-yield behavior. This is the objective of the
next two sections.
3.2. Strain-hardening behavior above room
temperature

In order to model the stress dependence of the
plastic strain-hardening hp(rd–d), we used the simpli-
fied phenomenological description of strain-harden-
ing based on the one structural parameter model

initially proposed by Kocks [8] and later extended
by Estrin and Mecking [9]. The structural parameter
of the model is the total dislocation density, q, irre-
spective of the dislocation arrangement. First, we
decompose the flow stress into two components as
indicated in Fig. 2. The first component, ~r, accounts
for the grain boundaries, carbides, oxides, precipi-
tates, solid solutions, etc. The second one, rd–d, is
the contribution arising from dislocation–disloca-
tion interactions

r ¼ ~rþ rd–dðepÞ: ð4Þ

In many investigations, rd–d was shown to be pro-
portional to q1/2 [10] where q is the total dislocation
density and is written as

rd–dðepÞ ¼ Malb
ffiffiffiffiffiffiffiffiffiffiffi
qðepÞ

q
¼ Malb

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
q0 þ DqðepÞ

q
¼ r0

d–dðq0Þ þ r�d–dðDqðepÞÞ ð5Þ

with r0
d–d ¼ Malb

ffiffiffiffiffi
qo

p
and where M is the Taylor’s

factor, a is a dimensionless constant, l is the shear
modulus and b the magnitude of the Burgers vector.
In this equation, q0 is the initial dislocation density
and Dq(ep) is the net increase of q at ep. Based upon
the definition of the plastic strain hardening
hp = dr/dep, it follows that hp is equal to
drd–d/dep. Considering the total dislocation density
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q as the micromechanical parameter of the model, it
follows from Eq. (5) that the strain-hardening is
controlled by the evolution of the q with the plastic
strain, i.e., dq/dep. The strain evolution of q results
from dislocation storage processes in the micro-
structure due to their immobilization at obstacles
and from dislocation annihilation mechanisms. In
a tempered martensitic structure, there are high-
angle as well as low-angle internal interfaces. In
the following, we assume that the effective mean dis-
placement distance L of a dislocation, (the effective
averaged distance that the dislocation moves before
it gets definitely stored in the microstructure) is
mainly mediated by high-angle boundaries. The
low-angle boundaries between laths of the same
variant (<2�) and boundaries between variants
whose misorientation is 4.13� (different sub-blocks)
are not necessarily considered as impenetrable
obstacles. Therefore, the mean free path of a dislo-
cation may be regarded as the dimension of a sub-
block containing few tempered laths. The typical
dimensions of these features are of the order of
1 lm. Thus, this value was selected as the mean free
path of the moving dislocations. Further we assume
that, over the limited deformation range investi-
gated (<7%), the effective mean displacement
0
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Fig. 3. hpðr�d–d) curve at 293 K and h
distance L of a dislocation is constant with deforma-
tion. Assuming the dislocation dynamic recovery is
linear in q, the dislocation density evolution equa-
tion can be written [9]

dq
dep

¼ M
1

bL
� aq

� �
; ð6Þ

where the first term in the bracket is related to the
storage mechanisms and the second to the annihila-
tion processes, the coefficient a is the annihilation
parameter. Since it is believed that the characteristic
spacing between the high-angle boundaries controls
the dislocation effective mean displacement dis-
tance, the dislocation evolution equation should be
used, as indicated in [9] rather than the original
one given by Kocks [8] in which the mean displace-
ment distance stems from the dislocation spacing
only. By combining Eqs. (5) with (6) and using the
definition of the strain hardening hp = drd–d/dep,
the strain hardening can be expressed as

hpðrd–dÞ ¼
P 1

rd–d

� P 2rd–d

¼ P 1

r0
d–d þ r�d–d

� P 2ðr0
d–d þ r�d–dÞ; ð7Þ
0 700 750 800 850 900
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Table 1
Fixed coefficients used in Eq. (7)

M a G b L

3 0.2 80000 MPa 0.268 nm 1 lm
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with P1 and P2 are defined as: P1 = M3(al)2b/2L

and P2 = Ma/2. Eq. (7) constitutes the strain-hard-
ening law from room temperature and above. To
check the validity of this law, we have calculated
the strain-hardening from the experimental data
and plotted it against the stress. As an example, hp

versus r�d–d at T = 293 K is presented in Fig. 3. Note
in particular the curvature of the line, which is con-
sistent with the stress dependence of the strain-hard-
ening as predicted by Eq. (7). This fact is a direct
consequence of the assumption of a constant mean
free path with strain in the tempered martensitic
microstructure.

Eq. (7) can be integrated to obtain r�d–dðepÞ,
yielding:

r�d–d ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
P 1 � ðP 1 � P 2ðr0

d–dÞ
2Þ expð�2P 2ðepÞÞ

P 2

s
� r0

d–d:

ð8Þ

Thus, the experimental stress–strain curve can be
fitted using the last equation by adjusting P1, P2

and r0 parameters. This avoids calculating the
strain-hardening rate. It is worth noting that Eq.
(8) leads to a saturation stress rsat equal to
(P 1=P 2Þ0:5 � r0

d–d.
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Keeping in mind that three-parameter fits are
used to reconstruct the deformation curves over a
limited strain range, special attention has to be paid
to the self-consistency of the analysis. We have to
emphasize here that fitting the limited strain range
of the experimental data with a three parameter
equations is almost certain to properly reproduce
the experimental data. Therefore, we constrained
the fit by imposing a value to the mean free path
of the dislocations once for all. As mentioned above
the mean free path was considered equal to 1 lm. It
is clear that the mean free path must remain essen-
tially athermal and must have the same value over
the temperature range over which the model holds.
By doing so, only two parameters are left for fitting
in Eqs. (7) or (8), which are P2 and r0

d–d. In Table 1,
we indicate the values of the coefficients that we use
and that intervene in P1, P2 and r0

d–d. With these val-
ues and L = 1 lm, P1 equals 0.93 · 106 MPa2.

The temperature dependence of the two fitted
parameters, P2 and r0

d–d, are given in Fig. 4. Interest-
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ingly, the last plot reveals a significant temperature
dependence of P2. It increases with temperature,
while only a very moderate one is found for r0

d–d.
Such a behavior was actually expected since r0

d–d

reflects the total dislocation density at the yield
stress. This value should be mainly temperature
independent even though small variations occur,
associated with the temperature dependence of the
shear modulus and with the amount of micro-plas-
ticity taking place before macro-yielding. On the
contrary, P2, which is determined by all the disloca-
tions annihilation processes, among which many are
thermally activated, is expected to increase with
temperature as observed. The value of r0

d–d is of
the order of 55 MPa, which yields, with the use of
Eq. (5), an initial dislocation density of about
1.8 · 1013 m�2. Note that with the decomposition
of the yield stress, Eq. (4), we believe that q0 is rep-
resentative of the dislocation density in the laths
while the contribution of the dislocations in the
boundaries is accounted for in ~r component. Using
Eq. (4) at ep = 0, ~r is found to be equal to about
475 MPa. Finally, we note that the only parameter
that remains ill-defined is the coefficient a of Tay-
lor’s equation (Eq. (5)). However, from the litera-
ture, it is known that a is of the order 0.1–0.5. We
arbitrarily picked a value of 0.2.

3.3. Strain-hardening behavior below room

temperature

For the BCC materials at T < 0.2 Tm, the usual
relationship between the flow stress and the square
root of the dislocation density has been shown to
be no longer valid [11]. Actually, the origin of this
change has to be sought in the micro-mechanisms
controlling the motion of dislocations. It is well
established that the mobility of the dislocation
screw segments in BCC metals is strongly reduced
at low temperatures owing to the non-planar char-
acter of the dislocation core resulting in a strong lat-
tice friction. Consequently, screw dislocations tend
to arrange themselves in straight screw segments
aligned along the h1 11i directions under the pres-
ence of a stress field. The movement of these seg-
ments occurs by a thermally-activated mechanism
of kink-pair formation followed by a fast movement
of the kinks along the dislocation line. For BCC
materials at low temperatures, Rauch [12] has pre-
sented a simple model, based upon energy balance
considerations, where a new relationship between
the applied stress and the dislocation density is pro-
posed. In this model, the motion of the moving
screw segments is analyzed in terms of a concomi-
tant lattice friction and interaction with the forest
dislocations. In the Appendix A the derivation of
the new expression between the applied stress and
the dislocation density is made. This relationship
reads

r ¼ r� þ 2~r
2

þ 1

2

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ðr�Þ2 þ 4ðMalbÞ2qðepÞ

q
; ð9Þ

where r* is the effective stress required for double-
kink nucleation at the imposed strain rate. r*

strongly increases with decreasing temperature,
and in the framework of the model it is considered
to be independent of the actual state of the structure
(dislocation density), i.e., r* = r*(T). This expres-
sion appears as a more general equation than Eq.
(5), which is actually obtained by setting r* = 0 in
Eq. (9).

In order to write a plastic strain-hardening
expression, we use the same strain dependence of
the dislocation density as that in the case of high
temperature, i.e., we use the Eq. (6). Then, Eq. (9)
can be differentiated with respect to the plastic
strain (ep) to obtain an expression for the plastic
strain hardening

dr
dep

¼ ðMalbÞ2

ððr�Þ2 þ 4ðMalbÞ2qÞ1=2

dq
dep

: ð10Þ

Combining Eqs. (10) and (6), we obtain

hp ¼
M
bL

ðMalbÞ2

2 r� r�þ2~r
2

� �� �þ Maðr�Þ2

8 r� r�þ2~r
2

� �� �
�Ma

4
2 r� r� þ 2~r

2

� �� �� �
: ð11Þ

Eq. (11) describes the plastic strain hardening evolu-
tion at constant plastic strain-rate and temperature
in the Peierls regime. Let us compare Eq. (7) (or
Eq. (8)) at high temperature with Eq. (11) at low
temperature. In the first case (Eq. (7)), there are
three constants to fit, namely the mean free path
L, the annihilation coefficient a and r0

d–d. Eq. (11)
has four parameters: L, a, ~r and r*. However, ~r
can be estimated from the high temperature fits of
Eq. (7), at room temperature. At this last tempera-
ture r0

d–d was about 55 MPa, using the Eq. (4) at
ep = 0, a value of 475 MPa for ~r is found. Thus,
we use this last value in Eq. (11) to fit the lower tem-
perature hp(r) curves, with L = 1 lm (dislocation
mean free path) as it was for the high temperature
case, and we fitted only r* and a. It was found that
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the temperature dependence of r* reproduced fairly
that of r0.2 and that the annihilation coefficient tem-
perature dependence is consistent with that deter-
mined at high temperatures. This can be seen in
Fig. 4 where we plot P2 (P2 = Ma/2) versus temper-
ature. An example of low temperature fit is also gi-
ven in Fig. 3.
4. Comparison of the fracture properties of the

Eurofer97 steel with those of the F82H steel in

the low transition

A new fracture toughness data set of Eurofer97
obtained with 0.35T C(T) specimens has been
reported by Bonadé et al. [13]. Hereafter, the data
are analyzed within the framework of statistical
models of cleavage, where the cumulative failure
probability is given by [14]

PðK 6 KJcÞ ¼ 1� exp
K � Kmin

K0 � Kmin

� �4
 !

: ð12Þ

The models predict the following statistical size ef-
fect on the measured fracture toughness, associated
with the crack front length B:
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KB2
¼ Kmin þ ½KB1

� Kmin� �
B1

B2

� �1=4

: ð13Þ
For structural steels, it was found that the median
fracture toughness–temperature curve of 1T thick
specimen is well described by an equation of the
type [1]:

KJc medianð1TÞ ¼ aþ b expðcðT � T 0ÞÞ: ð14Þ

The previous equation is usually referred as to the
master curve that can be indexed on an absolute
temperature scale by T0 at a reference toughness
of 100 MPa m1/2. The ASTM E1921-03 standard
gives a = 30, b = 70 and c = 0.019 for ‘ferritic’
steels.

The testing of the Eurofer97 0.35T C(T) speci-
mens was performed between 125 K and 173 K
where the measured fracture toughness remains
below 150 MPa m1/2 to avoid excessive constraint
loss. The degree of in-plane constraint loss is usually
characterized by the non-dimensional parameter
M = br0.2E 0/K2 where b is the ligament length, r0.2

the yield stress and E 0 the plane strain elastic mod-
ulus. The M values were all larger than 70. There-
200 250 300

 (K)

Eurofer97 with their corresponding master curve, 1% and 99%
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fore, it was assumed that, with such a M value, the
constraint loss effect remains quite limited and the
data were not constraint loss corrected. However,
the data were adjusted to 1T size specimen accord-
ing to Eq. (13). It was found that, in the temperature
range investigated, the parameter c of the Eq. (14)
had to be increased up to 0.04 to properly account
for the temperature dependence of the median
toughness (a and b was kept equal to 30 and 70
respectively). This result was actually unexpected
because it was shown recently that the fracture
toughness behavior of F82H steel is reasonably con-
sistent with the ASTM E1921 master curve with
c = 0.019 [15].

In Fig. 5 we compare the fracture behavior of
Eurofer97 with that of F82H. The data for the
F82H have been taken from the literature [16–
19,21], from which we have included only the
C(T) data in the analysis that has been done follow-
ing the ASTM E1921 procedure. All the data have
been crack front length adjusted to 1T and the
multi-temperature determination of T0 has been
applied. In Table 2, we summarize the reference
temperature, the master curve shape we used as well
as the temperature ranges over which the applica-
tion of the two master curves were found to be
satisfactory.

In Fig. 5, the 1% and 99% bounds of the cumula-
tive probability to fracture are also plotted. As can
be observed, the statistics underlying the master
curve methodology describes well the scatter of both
datasets with their respective master curve. For
F82H, it has to be mentioned that some excessive
scatter was found. More points than expected lie
below the lower bound but all of them belong to
the same dataset (from [19]), suggesting a lower
toughness of this specific dataset, probably related
to material variability. Finally, it is clear that addi-
tional testing of the Eurofer97 steel must be per-
formed to better assess the master curve shape at
higher temperatures and to understand the micro-
structural differences between the two steels that
lead to the observed variation in the macroscopic
fracture properties.
Table 2
To with the respective MC equations for F82H and Eurofer97

Material T0 (K) MC equations

F82H 167 Kmed = 30 + 70
Eurofer97 179 Kmed = 30 + 70
5. Fracture properties of the F82H steel after

neutron irradiation

In this section, we present the fracture toughness
data of F82H steel obtained with unirradiated as
well as with irradiated C(T) specimens according
to the two irradiation conditions (SIWAS-09,
SUMO-07) described in Section 2.3. The shift of
the fracture toughness–temperature curve resulting
from irradiation was determined using fracture data
sets of C(T) sub-sized specimens. 0.18T C(T) were
tested to characterize the fracture toughness proper-
ties of the unirradiated material as well as those
after the two irradiations. However, five 0.35T
C(T) specimens from SIWAS-09 irradiation were
also tested and analyzed along with twenty-three
irradiated 0.18T C(T) specimens. In this case, the
testing was also focused on the low transition
region, below an effective fracture toughness equal
to 150 MPa m1/2. For the unirradiated 0.18T C(T)
specimen at T = 173 K, the M value corresponding
to 150 MPa m1/2 (the highest) is of the order of 30.
While constraint loss is expect to occur with such a
value, the data reported hereafter have not been
constraint corrected. As it was shown previously
for F82H, the median fracture toughness–tempera-
ture curve of 1T-thick specimens is reasonably well
described by the ASTM E1921 master curve. Thus,
for the three sets of data (unirradiated, SIWAS-09,
SUMO-07), the reference temperature T0, at which
the median toughness is 100 MPa m1/2, was deter-
mined using the multi-temperature procedure as
described in the ASTM standard E1921-03.

We recall that it is assumed that the shape of the
master curve is not affected by irradiation. In Fig. 6,
the 1T adjusted data of the unirradiated and irradi-
ated after SIWAS-09 are plotted along with the
master curve and associated 1% lower bound and
99% upper bound. The SUMO-07 data are not
shown for the sake of clarity. The effect of the neu-
tron irradiations at temperature below 673 K is to
raise the yield stress by a given amount Dr0.2, which
in turn induces a shift in DT0. The conditions of
SIWAS-09 and SUMO-07 irradiations belong to
T (K) range where the MC
have been verified

exp(0.019(T � T0)) 77–275
exp(0.04(T � T0)) 125–175
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Table 3
To and To-shifts for SIWAS-09 and SUMO-07 irradiations, F82H

Condition T0 (K) DT0 (K) Irradiation hardening
Dr0.2 (MPa)

Unirradiated 180 – –
SIWAS-09 303 123 300 ± 20
SUMO-07 328 148 300 ± 20
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this so-called irradiation hardening regime. While
the irradiation hardening has not been measured,
a good estimate was done based upon similar irradi-
ations performed in the HFR reactor (see Fig. 86 in
[21]). In Table 3, we indicate these estimates of the
irradiation hardening from which we derived the
following relationship:

DT 0 ¼ ð0:45� 0:05ÞDr0:2: ð15Þ
6. Conclusion

Tensile tests were performed to investigate the
plastic flow properties of the Eurofer97 steel. Two
temperature domains, below and above room tem-
perature, were clearly identified in which the
strain-hardening laws are different owing to the
Peierls stress that acts on the screw dislocation
segments at low temperature. Using values consis-
tent with the tempered martensitic structure of the
dislocation mean free path and dislocation density,
the strain-hardening curves could be satisfactorily
rationalized.

The fracture toughness properties of the Euro-
fer97 steel were investigated with 0.35T C(T) speci-
mens in the low transition and compared with those
of the F82H steel. Over the temperature range, 125–
175 K, we showed that the statistics of ASTM-
E1921 master curve method does not provide a
good description of the Eurofer97 scatter while it
does for F82H.

The neutron-induced temperature shifts, DT0, of
the median fracture toughness temperature curve
were determined for two irradiation conditions. It
was established that DT0 scales with the irradiation
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hardening Dr0.2 according to DT0/Dr0.2 = 0.45 ±
0.05.
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Appendix A

In the present work, we have used a similar
approach as Rauch’s formulation and applied it to
the case of polycrystalline materials. In his original
paper, Rauch decomposed the applied shear stress
into the two components; one related to the thermal
stress required to nucleate the double-kinks and one
resulting from the interactions between the mobile
and the forest dislocations. For the tempered mar-
tensitic steels, we considered an additional compo-
nent for the flow stress, ~r, which certainly cannot
be neglected in case of a tempered martensitic alloy
and which accounts at least for the high density of
boundaries decorated by carbides. We also used
the standard conversion between the applied stress,
ra, and the shear stress sa, namely ra = Msa, where
M is the Taylor’s.

Let us consider a screw dislocation moving at low
temperature (Peierls regime) and pinned by forest
dislocations as indicated in Fig. 7. Such a descrip-
tion of the motion of the screw segment is well sup-
ported by the in situ TEM observations of Louchet
and Kubin [20]. In this case the decomposition of
the applied shear stress is given by:

sa ¼ ~sþ sd–d þ s�; ðA:1Þ

where s* represents the lattice friction Peierls stress
that is strongly temperature dependent. The actual
L

Lo
R

φ

Fig. 7. Configuration of a moving screw
screw segment length, L, is linked to the pinning
points by mixed segments whose radii of curvature
are R. R depends on the effective stress acting on
the dislocation, defined by the difference between
the applied stress and the back stress ~s, through
the equation

R ¼ lb
sa � ~s

: ðA:2Þ

Rauch indicated that, for this specific configuration
of a moving screw dislocation, rd–d arises from the
extra energy needed to increase temporarily the dis-
location length due to the formation of the mixed
segments in comparison to a pure screw segment
of length L0. He also showed that rd–d simply reads

sd–d ¼ 2 cos /
lb
L0

; ðA:3Þ

where / is the breaking-away angle when the screw
dislocation has moved by a critical distance xc.

In order to derive an expression between the
applied stress and the dislocation density, we follow
the geometrical consideration, of Louchet et al. who
showed that the product between L0 and xc is equal
to

L0xc ¼
1

q
: ðA:4Þ

We emphasize here that L0, the averaged distance
between pinning points, depends on T. In fact, it
increases with decreasing temperature, while xc

increases with increasing temperature.
A geometrical relationship between xc, R and /

can be readily obtained from Fig. 7:

xc ¼ Rð1� sin /Þ: ðA:5Þ

By combining, the Eqs. (A.2)–(A.5), it is straightfor-
ward to obtain
Xc

dislocation at low temperatures.
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sd–d ¼ 2 cos /lbqxc ¼
2 cos /ðlbÞ2qð1� sin /Þ

sa � ~s
:

ðA:6Þ
Finally, using the Taylor’s factor M to convert the
shear stress into the applied one, (ra = Msa), the
last equation can also be written as

r ¼ r� þ 2~r
2

þ 1

2

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ðr�Þ2 þ 4ðMalbÞ2q

q
ðA:7Þ

with a2 = 2cos/(1 � sin/).
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